We generalize in this work the constitutive model for silicon crystals of Alexander and Haasen. Strain-rate and temperature dependency of the mechanical behavior of intrinsic crystals are correctly accounted for into stage I of hardening. We show that the steady-state of deformation in stage I is very well reproduced in a wide range of temperature and strain rate. The case of extrinsic crystals containing high levels of dissolved oxygen is examined. The introduction of an effective density of mobile dislocations dependent on the unlocking stress created by oxygen atoms gathered at the dislocation cores is combined to an alteration of the dislocation multiplication rate, due to pinning of the dislocation line by oxygen atoms. This increases the upper yield stress with the bulk oxygen concentration in agreement with experimental observations. The fraction of effectively mobile dislocations is found to decay exponentially with the unlocking stress. Finally, the influence of oxygen migration back onto the dislocations from the bulk on the stress distribution in silicon bars is investigated.
I. INTRODUCTION
Ultra-pure silicon materials traditionally used in the semiconductor industry have received a growing interest during the last decade for their photovoltaic ͑PV͒ applications. This suitable semiconductor is nowadays widely used for the fabrication of solar panels. Silicon wafer-based systems account for 85% of the current PV production, a share expected to remain constant in the coming years. 1 The future global demand for silicon materials is bound to increase tremendously as this sector continues its expansion.
The mechanical superiority of Czochralski ͑CZ͒ grown silicon crystals over float-zone ͑FZ͒ ones 2, 3 has been attributed to the high contents of electrically inactive impurities ͑oxygen, nitrogen, and carbon͒ in CZ materials: [4] [5] [6] locking of dislocations by oxygen atoms results in an increase in the upper yield point observed in uniaxial tensile tests. CZ materials are therefore less prone to plastic deformation than their FZ counterparts, which is of interest for device processing as successive heat treatments are likely to induce thermal stresses in the wafers.
Sumino and Imai 7, 8 noticed that dissolved oxygen would not affect the activation energy for dislocation motion under high stresses. Oxygen atoms, however, slow down dislocations as the applied stress is decreased, resulting in a sluggish motion betraying the transport of oxygen atoms to the dislocation cores and the formation of a Cottrell atmosphere. Development of the latter has however been shown not to be probable at the temperatures considered in this work. 9 Impurities diffuse progressively to the dislocations until they are effectively stopped when the applied stress reaches the socalled locking stress. 7 The additional diffusion of O atoms to their core leads by static aging in an increase in the stress necessary to set them back into motion, the unlocking stress. 8 Because of the increase in oxygen concentration at the core until saturation, the unlocking stress is higher than the locking stress reached in a dynamic state, and the lockingunlocking phenomena exhibits a hysteresis effect enhanced at low temperatures, high impurity contents and longer annealing times. Senkader et al. 10 revealed experimentally several temperature ranges for the effective diffusivity of oxygen in silicon. The five-stages dependence of the unlocking stress on the annealing time already mentioned by Yonenaga 11 was confirmed and attributed to the formation of precipitates at the core. 12 The binding energy of oxygen atoms to the core and unlocking stress were determined as functions of temperature. 13, 14 The mechanical effects of electrically inactive impurities have been investigated by other research groups. Maroudas and Brown 15 calculated the impurity atmosphere distribution around a moving 60°dislocation. The elastic interaction between a dislocation and its impurity atmosphere leads to a nonlinear dependence of the dislocation velocity on the applied stress as the latter is decreased. Dislocation locking by oxygen and the hysteresis effect can be accounted for by adding to the back stress coming from the atmosphere a component proportional to the oxygen concentration at the core. 16 The internal stress acting on an isolated dislocation in an impure crystal can hence be divided into two components: a purely elastic one from the impurity atmosphere around the dislocation, and a chemical one stemming from the presence of individual atoms at the dislocation core.
Not much has been done on the modeling of the macroscopic mechanical behavior of impure silicon crystals, when dislocations are in numbers high enough to justify the use of dislocation densities. Constitutive models for impure semiconductors usually add to the critical stress required for dislocation motion a drag stress accounting for the locking effect of impurity atoms. 17, 18 This approach is not sufficient and does not allow the representation of the strong strength increase due to dissolved oxygen. Petukhov 19 developed a theory for the motion of dislocations in impure crystals with a high Peierls relief. The evolution of the impurity concentration at the dislocation core is described as the sum of the rates of trapping and release of impurities. Such an approach considers the shortrange interactions between impurities and dislocations ͑that is, the chemical binding of O atoms to Si in the core͒ to dominate over the elastic interaction caused by the impurity atmosphere studied by Maroudas and Brown. The application of this model to dislocation densities and real crystals requires the use of a distribution of dislocations as a function of their oxygen contamination or age. 20, 21 This limits drastically the application of this model if random loading conditions are to be studied, e.g., where the strain rate and temperature vary with time. Of interest is the concept of effective mobile dislocation density mentioned by Petukhov. 21, 22 This effect can be accounted for by a downscaling of the initial dislocation density. Maroudas and Brown 23 developed a constitutive model for extrinsic crystals based on an alteration of the dislocation multiplication rate due to pinning of the dislocation lines by the oxygen atoms. However, this approach lacks accuracy beyond the lower yield point and deserves further developments.
The shortcomings of these previous works are addressed in this paper by using a combination of the results of Petukhov and Maroudas and Brown. We disregard the formation of oxygen clusters along the dislocation line implying a nonlinear dependence of the unlocking stress on the annealing time. 11, 12 Only the linear increase in the unlocking stress with time until saturation is considered. This limits our approach to relatively short annealing times compared to, e.g., those of interest for ingot casting.
The constitutive model valid both for intrinsic and extrinsic crystals, as well as its implementation in ABAQUS/ EXPLICIT, are introduced in Sec. II. The model parameters are identified as functions of temperature, strain rate, and oxygen concentration in Sec. III. This is done by comparing simulations of uniaxial tensile testing of silicon monocrystals oriented for single glide to experimental data. Our results are discussed in Sec. IV, where we assess the accuracy and applicability of our model.
II. MODELING OF SI CRYSTALS
The constitutive model used in this paper is an extension of the original work of Alexander and Haasen. 24 The model and its application to intrinsic silicon monocrystals at different temperatures has been introduced and discussed elsewhere. 25 Its validity is extended in the present work to a variable strain rate and to extrinsic crystals.
A. Constitutive equations

Dislocation densities
We consider in the following the discrete nature of plastic deformation, restricted to the 12 slip systems of silicon. The evolution of the plastic strain on each slip system ␣ is linked to a microstructural variable, the density of mobile dislocations m ͑␣͒ that carry plastic flow. The AH model considers that all dislocations are mobile. We distinguish here three types of dislocation densities: the density of potentially mobile dislocations m ͑␣͒ is the density of dislocations that would carry plastic flow in an intrinsic crystal; the effective density of mobile dislocations actually carrying plastic flow at any time m ef f͑␣͒ , and the density of immobile or stored dislocations i ͑␣͒ . The latter do not carry plastic flow and represent dislocations trapped in bundles or dipolar structures. The introduction of m ef f͑␣͒ aims at accounting for the averaged behavior of mobile dislocations in extrinsic crystals. Its use is justified by observations during uniaxial tensile testing of CZ silicon crystals. 5 Slip lines in the ͑appar-ently͒ elastic region of the stress-strain curves reveal that a small portion of the total dislocation density actually moves. This vision is supported by theoretical calculations 21 showing that the mechanical behavior of impure semiconductors is similar to the one of intrinsic crystals, provided the initial density of mobile dislocations is scaled down by a factor dependent among others on the impurity concentration. m ef f͑␣͒ differs therefore from m ͑␣͒ by a factor ͑␣͒ lower than unity, whose determination is an objective of this work:
The constitutive model for intrinsic crystals introduced in Ref. 25 is retrieved by setting m ef f͑␣͒ = m ͑␣͒ and the concentration of oxygen at the dislocation cores c O ͑␣͒ = 0 in the following. The total dislocation density on each slip system ␣ is noted t ͑␣͒ and reads:
The plastic strain rate ␥ p ͑␣͒ on a slip system ␣ is expressed using Orowan's law:
where b is the modulus of the Burgers vector of silicon, 3.84ϫ 10 −10 m. 27 v ͑␣͒ is the dislocation velocity, dependent on the effective stress ef f ͑␣͒ and temperature T as experimentally found to be: 
where 
where l is the separation length between jogs along the dislocation line, taken for simplicity as l =10 −7 m. 23 The sink for the mobile dislocation density is a source for the immobile one and it follows:
Note that the density of mobile dislocations used in the right-hand terms of Eqs. ͑5͒ and ͑7͒ is the effective one. The evolution of m ef f͑␣͒ is determined when all the internal variables have been updated, see below. This constitutive model neglects dislocation annihilation for simplicity. The presence of oxygen at and around the dislocations might also affect the capture radius r c by modifying the stress field around the dislocations but we neglect this aspect as well.
Effective and internal stresses
The effective stress is the difference between the applied resolved shear stress ͑␣͒ and the internal stress int ͑␣͒ coming from various stress sources detailed in the following:
where ͗x͘ = max͑x ,0͒. The internal stress is assumed in this work to come from three sources:
The long-range internal stress created by mobile dislocations accounts for latent hardening and is given by Eq. ͑10͒:
Short-range dislocation interactions sr ͑␣͒ are expressed as function of the total dislocation density on each slip system and the formalism of Franciosi 30 based on interaction coefficients a ␣␤ is adopted here.
The interaction coefficients A ␣␤ and a ␣␤ are given in Table I . The shear modulus is taken as a function of the temperature-dependent elastic coefficients of silicon 31 using the Voigt average:
Binding of oxygen atoms to the dislocation core and drag of an impurity atmosphere are additional sources of internal stress in extrinsic crystals, respectively c ͑␣͒ and d ͑␣͒ .
Their contribution to the internal stress created by oxygen O ͑␣͒ is assumed additive:
impurity atmosphere is difficult to account for as it depends nonlinearly on the dislocation velocity and would require the computation of the cloud configuration. 15 Because of its weak influence compared to c ͑␣͒ 16 we will disregard it in this work. O ͑␣͒ is the unlocking stress and is proportional to the concentration c O ͑␣͒ of impurity atoms segregated at the core of dislocations:
where c O ͑␣͒ is expressed in per cubic meter and f͑T͒ in newton meter. Based on data from Ref. 32 obtained at temperatures below 973 K we derive f͑T͒ = 9.44ϫ 10 −22 exp͑0.29/ k b T͒ and assume that this formula is valid at the higher temperatures considered in this work. Note that below 823 K a linear temperature dependency of f͑T͒ is physically more relevant. 8, 32 Note that the long-range elastic stress created by the formation of oxygen atmospheres around the dislocations at low temperature are not accounted for in this model. This means that dislocations interact with each other only through lr ͑␣͒ and sr ͑␣͒ , although the further lattice distortion caused by high contaminant concentrations close to the cores should also be a source of internal stress. 
Diffusion of oxygen to the dislocations
The concentration of dissolved oxygen in the bulk is written c O ϱ . The maximum concentration of oxygen at the dislocation cores c O max is then given by Eq. ͑13͒, where ⌬G is the binding energy of oxygen to the dislocation:
⌬G can be expressed as a function of the enthalpy change ⌬H and entropy change ⌬S, as ⌬G = ⌬H − T⌬S. Experimental observations give ⌬S Ӎ k b and ⌬H = 0.74 eV above 923 K. 13, 14 The diffusion coefficient of oxygen to the dislocations D O depends on the temperature and the concentration of dissolved oxygen in the crystal. 10, 14 Above 973 K it is given by Eq. ͑14͒, expressed in meter square per second: 35 
The oxygen concentration at the core of a dislocation at rest, either because it belongs to the density of immobile dislocations i ͑␣͒ or because its velocity is null, follows the diffusion equation:
where r core is the core radius taken equal to the lattice parameter a = 5.43ϫ 10 −10 m in the following. 27 Equation ͑15͒ is derived from the flux of impurity atoms gathered at the dislocation core ͓Eq. ͑13͒ in Ref. 12͔ assuming that the oxygen concentration next to the core is equal to the one in the bulk c O ϱ . This assumption is equivalent to neglecting the formation of a Cottrell atmosphere in the strain field of the dislocation and is justified by its very weak influence 16 if it actually ever forms. 9 The case of a moving dislocation has been investigated by Petukhov, 19, 36 who derived Eq. ͑16͒:
with t m = ͑a 2 / D O ͒exp͑−⌬G / k b T͒ the time of oxygen migration from the bulk back onto the dislocation core. 19 The factor translates the effect of the lattice distortion close to the dislocation core. Its influence will be discussed later. With v ͑␣͒ ӷ D O / a in standard experimental conditions, the first term in Eq. ͑16͒ is usually disregarded.
Evolution of the effective density of mobile dislocations
The superscripts ͑␣͒ are not used in this section for clarity. Uniaxial tensile testing of extrinsic silicon monocrystals shows that only a fraction Յ 1 of m actually carries plastic flow in the yield region. 5 depends on the magnitude of the unlocking stress O , 21 itself depending on c O and the tem-
imposed at the end of each time step, as long as the concentration of oxygen at the dislocations core c O increases and is not in steady-state. The condition for updating m ef f by Eq. ͑1͒ is defined numerically by ċ O / c O Ͼ ⑀ with ⑀ positive and arbitrarily small, ⑀ =10 −6 is considered in this work. At a constant temperature, ċ O Ͻ 0 is relevant only to dislocations already in motion and loosing oxygen atoms from their core. Since only m ef f is in motion there is no need to apply Eq. ͑1͒ and in this case m ef f = m is imposed ͓Eq. ͑5͔͒.
B. Finite element implementation
Crystal plasticity "CP… framework
The constitutive equations of Sec. II A 4 are implemented into a CP routine, as a user-defined material model ͑VUMAT͒ in ABAQUS/EXPLICIT. More details can be found in Ref. 25 . The total displacement gradient F is decomposed multiplicatively into an elastic F e and plastic part F p , as given in Eq. ͑17͒.
37,38
F e includes rigid-body motion and the elastic deformation of the lattice, while F p represents the inelastic part of the deformation assumed to proceed by dislocation glide on the slip systems ͑␣͒, defined in the initial configuration by their normal n 0 ͑␣͒ and direction s 0 ͑␣͒ . The plastic part of the velocity gradient is expressed as a function of the slip rates on the systems ͓Eq. ͑18͔͒.
The resolved shear stress ͑␣͒ is defined as the work conjugate of the slip rate from the second Piola-Kirchhoff stress measure ͓Eq. ͑19͔͒, in turn obtained assuming an hyperelastic material model ͓Eq. ͑20͔͒.
The fourth-order stiffness tensor of silicon L is expressed with the help of its temperature-dependent coefficients. 
Finite element model
The finite element model used to identify the constitutive parameters reproduces the actual tensile specimen used in the experiments ͑see Sec. III͒. The whole model comprises a silicon monocrystal of rectangular cross-section and gauge dimensions 2 ϫ 3 ϫ 30 mm 3 . It is bounded by two elastic blocks representing the effect of the tensile apparatus ͑see Fig. 1͒ . A total of 888 C3D8R elements are used for the mesh. The selected mesh size is sufficient to obtain converged results with = 100 ͑see Sec. IV B 3 for a discussion͒. The material behavior of the specimen is defined by the VU-MAT. The initial conditions required are the dislocation densities, the crystallographic orientation of the tensile specimen, and its dissolved oxygen content.
The apparatus elastic blocks have a Poisson's ratio of 0.3 and a Young's modulus E blocks set as a free parameter for optimization in each experimental data set. It is found by fitting its value to the initial elastic slope of the stress-strain curves. This approach has been shown in Ref. 25 to be equivalent to the use of an effective shear modulus in a scalar representation of silicon plasticity. 24, 39, 40 
III. IDENTIFICATION OF MODEL PARAMETERS
This section aims at identifying two sets of constitutive parameters. K and r c enter the dislocation evolution laws and should not depend on the oxygen content of the crystal. characterizes on the other hand the behavior of extrinsic crystals only, K O being readily given by Eq. ͑6͒ once K is known. Three sets of experimental data 5, 41, 42 are used for comparison with model outputs: two come from intrinsic crystals deformed at various temperatures or strain rates, one out of these two experimental parameters being fixed. The third set comes from extrinsic crystals tested at a given temperature and strain rate but contaminated by oxygen at different levels. All three sets have been obtained with the same experimental setup and tensile specimen shapes.
A. Experimental data and initial conditions
All the specimen considered in this study have the same initial ͓123͔ crystallographic orientation with respect to the tensile axis so that deformation proceeds in single glide. The first two sets concern FZ-crystals ͑c O ϱ =0͒ of initial dislocation density on the primary system m,t=0 ͑prim͒ =2ϫ 10 8 m −2 . The initial mobile dislocation density on the secondary systems is set to m,t=0 ͑sec͒ =10 6 m −2 on each of them, and i,t=0 = 0 on all slip systems. The data set ͑ds1͒ at various temperatures from 1073 to 1223 K by 50 K steps has been introduced elsewhere 25 ,41 and will not be included in this paper for clarity. The second set, ͑ds2͒ has been obtained at a constant temperature of T = 1173 K, the applied strain rate being constant and corresponding to shear strain rates lying between 6 ϫ 10 −5 and 6 ϫ 10 −4 s −1 . 41, 42 The last experimental data set ͑ds3͒ comes from CZcrystals deformed at T = 1073 K and a resolved shear strain rate ␥ = 1.1ϫ 10 −4 s −1 . The initial primary dislocation density is about m,t=0 ͑prim͒ =10 10 m −2 in all samples. 5 The initial mobile dislocation density on the secondary systems is set in simulations to m,t=0 ͑sec͒ =10 8 m −2 on each of them, and i,t=0 = 0 on all slip systems. This set of temperature, strain rate and initial dislocation densities is called reference conditions in the following and concerns CZ-crystals only. The dissolved oxygen concentration c O ϱ ranges from 1.5ϫ 10 17 to 9 ϫ 10 17 cm −3 and has been obtained by heat treatment of the samples prior to deformation. More details about sample preparation can be found in the respective articles. Plots of ds2 and ds3 are shown in Fig. 2 .
Stress data is averaged over the 12 central elements of the tensile specimen ͑see Fig. 1͒ . This average stress is projected onto the primary slip system using a Schmid's factor of 0.466 corresponding to the orientation of the tensile axis with respect to the primary system, and sent to the optimization software. Since time and strains are not proportional throughout the simulations because of the influence of the elastic bounding blocks, 25 simulation time is preferred to strains for comparison of the model outputs with experimental data. However, for readability all figures will assume a perfect proportionality between time and shear strain in the following.
B. Intrinsic crystals-strain rate and temperature
It has been shown in Ref. 25 
where m ‫ء‬ and ef f ‫ء‬ are the steady-state values on the primary system of the mobile dislocation density and of the effective stress, respectively. Their ratio is found experimentally 41, 43 to be:
where the approximation ␥ = ␥ p is done in stage I. The capture radius for trapping of mobile dislocations through formation of dipoles or multipolar structures should not increase with the strain rate. Assuming that K = ␤͑␥ p / ␥ 0 ͒ with ␥ 0 =1 s −1 , then following Eq. ͑22͒ r c ϰ ␥ p −0.26 and Յ 0.26. The sign of determines the sharpness of the yield drop. An accelerating plastic strain rate leads to an increased dislocation generation if Ͼ 0, precipitating the occurrence of the lower yield point and sharpening the yield drop. On the other hand, a negative tends to smooth the yield region by slowing down the dislocation generation as the plastic strain rate increases. Because the plastic strain rate in the yield region is not constant 25 the choice of influences the representation of the yielding phenomena.
The yield region of the experimental data ds2 can be reproduced very well by the constitutive model using = −0.22. This value gives simulated yield drops of the same intensity as the experimental ones ͑see Fig. 3͒ . A first drawback of choosing Յ 0 is the too low simulated hardening rate and flow stress beyond the lower yield point. Another is that is found by best fit to vary with temperature, its value increasing with T and likely translating additional hardening mechanisms the model does not account for. Finally, ␤ must be scaled for each sample in order for the simulated upper yield points to coincide with the experimental ones if Յ 0, see Table II . Setting = 0.26 sharpens the simulated yield drop but has the advantage of requiring a unique ␤ to reproduce ac- 
where sp is a constant specific to the specimen set considered. It is identified for FZ-crystals by fitting Eq. ͑23͒ to the experimental data, sp determining the magnitude of the upper yield stress. For the experimental data set ds1 sp = 0.93 provides the best fit, whereas sp = 0.56 yields better results for the set ds2 of specimen strained at 1173 K and different strain rates. The role of forest dislocations on multiplication and storage mechanisms, absent in the present constitutive model, is believed to explain most of the variations in sp with respect to the set of samples considered. The discrepancy could also come from different concentrations of trace impurities in the sample sets, increasing the upper yield stresses of ds2. The simulated stress-strain curves of intrinsic silicon crystals are compared to the experimental data sets in Fig. 4 up to large deformations using Eq. ͑23͒ and the respective optimum sp values.
C. Extrinsic crystals-oxygen locking
The effect of t m on the mechanical behavior of extrinsic crystals is minimized by taking = 100 ͓see Eq. ͑16͔͒. This choice does not affect the stress-strain results in the yield region ͑see Sec. IV B 3͒. We always assume in simulations that oxygen has diffused to the dislocations up to c O max prior to testing, so that 
Identification of the parameter sp
Identification of the parameter characteristic of extrinsic crystals requires the knowledge of sp . This parameter depends on the specimen and might be influenced by several factors mentioned above. sp is identified for FZ-crystals by fitting the simulated stress-strain curves to the yield region. An alternative way of identifying sp suitable for CZ-crystals whose intrinsic upper yield stress is unknown is to consider the hardening slope beyond the yield region. The density of mobile dislocations and the effective stress are both in steady-state during stage I of deformation. Almost all oxygen atoms have left the dislocation cores and the internal stress coming from impurities is small. The variations in the flow stress = ef f ‫ء‬ + lr ‫ء‬ + sr + O are therefore given only by those of the short-range elastic internal stress sr . It follows Ӎ sr and sr ϰ t ͓Eq. ͑11͔͒. leads to a larger flow stress in stage I but priority is given to the hardening rate rather than the magnitude of the flow stress. sp = 2.4 provides with an accurate hardening slope.
Determination of " O …
The optimum reproducing the upper yield stresses of ds3 are given in Table III . The sample with c O ϱ =9 ϫ 10 17 cm −3 is representative of very highly contaminated crystals in which inhomogeneity of the oxygen distribution leads to an additional increase in the upper yield stress. In- homogeneous distribution of the oxygen atoms along the dislocation line enhances the formation of aggregates that increase further the unlocking stress. 5, 8 Since this nonlinear regime of the unlocking stress is not considered in the present work we disregard the result obtained at 9 ϫ 10 17 cm −3 . Enforcing ͑0͒ = 1, the results of Table III can be approximated fairly well by Eq. ͑24͒.
͑24͒
where O ref = 3.2 MPa is a reference stress. Simulated stressstrain curves are compared to the experimental results in Fig.  6 . The simulated yield drop is sharper than the experimentally observed one, owing to the strain rate variations in the yield region and the choice of Ͼ 0 ͑see Sec. III C 1͒.
IV. DISCUSSION
A. Intrinsic crystals
Dislocation multiplication prefactor sp
The constitutive parameters given by Eq. ͑23͒ allow for a good representation of the mechanical behavior of silicon monocrystals deformed in single glide. sp is the only parameter that needs adjustments given a silicon specimen. Its variations with respect to the set of samples might be due to, e.g., approximations of the initial dislocation density measurements, or to the influence of small impurity concentrations in the bulk. Its large increase in the case of crystals containing an initial dislocation density of 10 10 m −2 shows that the variations in sp most likely betray the effects of forest dislocations on the multiplication and storage mechanisms that the constitutive model does not allow to represent explicitly.
Strain rate dependency
The strain rate variations in the silicon specimen in the yield region during experiments are not known. Simulations indicate that they depend strongly on the stiffness of the machine E blocks , itself varying with the specimen considered. This leads to large uncertainties concerning the identification of the parameter governing the strain rate dependency of the constitutive parameters K and r c . We have transferred all dependency on the dislocation multiplication factor only, which leads to simulated yield drops sharper than the experimental ones but yields an accurate hardening behavior throughout stage I. Choosing so that the yield region is correctly represented leads to a poor simulation of the evolution of the flow stress in stage I. The constitutive model introduced in this work cannot allow a correct representation of both the yield region and the evolution of the flow stress beyond the lower yield point. This most likely betrays additional dislocation multiplication and storage mechanisms active from the lower yield point, such as the influence of forest dislocations generated during yielding.
Validation of the constitutive model
Our model predicts a hardening behavior in stage I very close to the experimental one. The steady-state values of the primary mobile dislocation density m ‫ء‬ and effective stress ef f ‫ء‬ observed in the simulations at various strain rates are very close to the experimental ones, as shown in Fig. 7 . This is also the case when the strain rate is fixed and the temperature varies between 1073 and 1223 K ͑Fig. 8͒.
The limitations of this constitutive model are revealed at large strains, first when the hardening rate in stage I decreases with time, probably because of dislocation annihilation mechanisms, and second when rotation of the lattice leads to the activation of secondary systems. 25 As mentioned previously, the model is unable to represent the strong hardening that should take place in stage II of hardening. However, it is well suited for the study of monocrystals loaded in single glide into stage I.
B. Extrinsic crystals
The introduction of an effective density of mobile dislocations m ef f Յ m combined with an alteration of the dislocation multiplication rate K O Յ K increases the upper yield stress of extrinsic crystals. The fraction of effectively mobile dislocations is imposed by the constitutive model only when oxygen diffuses to the dislocations. We find that an exponential decay of with O correctly reproduces the experimental results. The simulated stress-strain behavior of extrinsic crystals is consistent with experimental observations. The case of highly contaminated crystals in which the oxygen distribution is no longer homogeneous cannot be correctly accounted for by the constitutive model, resulting in an underestimation of the upper yield stress when oxygen clusters form along the dislocation lines. An additional source of uncertainty in the identification of is the dependency of sp on the initial dislocation density. The latter is set to 10 10 m −2 on the primary system but the actual one might differ from this value by a factor two. 5 The individual values for given in Table III ͑24͒ only approximates the individual best fits. Inhomogeneous distribution of oxygen at high c O ϱ leads to the formation of impurity clusters along the dislocation line that increase significantly the unlocking stress and reduce further the fraction of effectively mobile dislocations. The present constitutive model cannot account for this phenomena and underestimate the upper yield stress in highly contaminated silicon crystals. A better determination of O in the presence of oxygen aggregates would improve this aspect.
Validation of the constitutive model
We study the variations in the resolved upper yield stress uy with c O ϱ , temperature and initial dislocation density. The dependency of uy on the stiffness of the machine 25, 41 limits the exploitability of the simulated results. However, it is interesting to compare the trends from experiments 5 and simulations. The Young's modulus of the elastic blocks are set to E blocks =4ϫ 10 9 N.m −2 . The dislocation multiplication prefactor is set to sp = 2.4, a choice appropriate for m,t=0 ͑prim͒ =10 10 m −2 but decreasing the upper yield stress of samples with an initial dislocation density m,t=0 ͑prim͒ =2ϫ 10 9 m −2 . Figure 9 shows the values of uy as a function of c O ϱ , at different temperatures and initial dislocation densities. The upper yield stresses of FZ-crystals are represented as well. The agreement between the experimental results and the model outputs is quite good given the many unknowns and approximations. Overall, the constitutive model is able to reproduce correctly the mechanical behavior of oxygencontaminated silicon crystals.
Influence of t m and mesh sensitivity
We consider here CZ-crystals deformed in the reference conditions, with an oxygen content c O ϱ =9ϫ 10 17 cm −3 . The Fig.  10 , where the behavior of a FZ-crystal is plotted for comparison. The case = 10 affects significantly the mechanical behavior in stage I, whereas this is not the case for = 100, in agreement with our discussion.
The irregular hardening slope of extrinsic crystals beyond the lower yield point does not come from oxygen atoms migrating to the dislocation core in the central elements used to plot the stress-strain curves. The locking effect takes place inhomogeneously through the entire silicon specimen gauge and leads to a slight mesh size dependency due to localization phenomena. Figure 10 shows the simulated behavior for the standard mesh introduced in Sec. II and a refined one containing eight times more elements. The mesh sensitivity influences the simulated stress-strain behavior only into stage I, and does not affect the validity of the results derived in this work. It increases as is decreased or c O ϱ increases. The actual magnitude of is not known. Setting = 100 gives satisfying results while limiting the mesh sensitivity.
V. CONCLUSIONS
We have introduced in this paper a constitutive model for intrinsic silicon crystals that develops upon the work of Alexander and Haasen. It adds to the original model a density of immobile dislocations representing those trapped in dipolar structures. Latent hardening is accounted for in the definition of internal stresses. The model parameters have been identified as functions of strain rate and temperature by best fit of the simulated stress response to experimental data. One parameter sp needs to be calibrated to a given intrinsic silicon sample by fitting its value to the upper yield stress. Its variations between the sample sets are most likely to come from the influence of forest dislocations on the multiplication and storage mechanisms that the constitutive model does not account for explicitly. The strain rate dependency of the constitutive parameters is not easily identifiable because of the unknown experimental influence of the tensile apparatus on the strain rate in the yield region and the poor representation of stage I of hardening that follows from the determination of this dependency based on the yield region only.
Stress-strain curves generated by our constitutive model represent very well the magnitude of the yield points and hardening slope of stage I at temperatures ranging from 1073 to 1223 K and shear strain rates from 6 ϫ 10 −5 to 6 ϫ 10 −4 s −1 . The steady-state of deformation in stage I experimentally characterized by ef f ‫ء‬ ͑T , ␥ ͒ and m ‫ء‬ ͑T , ␥ ͒ is very well reproduced by the model.
Extension of the constitutive model to extrinsic crystals has been done for CZ-crystals of high oxygen content. Following experimental observations and theoretical considerations, we introduce an effective density of mobile dislocations m ef f that is substituted to m in Orowan's law and the dislocation evolution equations. The dislocation multiplication rate is also affected by the presence of impurities at the dislocation core.
The evolution of m ef f normally follows the one of m except when dislocations move at velocities low enough to enter a motion domain dominated by drag of impurities. We find that a fraction = m ef f / m exponentially decaying with O correctly represents the experimental evolution of the upper yield stress with increasing oxygen content. The constitutive model reproduces accurately the increase in the upper yield stress with the concentration of dissolved oxygen c O ϱ as long as the latter does not lead to inhomogeneous distribution of the oxygen along the dislocation line. Formation of oxygen aggregates at the cores leads to an additional increase in the locking stress that the model does not account for.
The unknown material parameter required for extrinsic crystals is the diffusion time of impurities from the bulk to dislocations t m . We have shown that its magnitude influences the mechanical behavior of intrinsic crystals by affecting the domain of dislocation motion governed by impurity drag. The stress distribution in the tensile specimen becomes heterogeneous in stage I of deformation as t m decreases at a constant temperature, resulting in local strain rate bursts and a wavy stress response due to localization of the locking phenomena. Future work will consider the role of forest dislocations on the hardening behavior of silicon crystals loaded in multiple slip or containing high forest densities.
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